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A B S T R A C T   

Hydrogen-dislocation interactions have always been a crucial problem in understanding and predicting the long- 
standing hydrogen embrittlement (HE) phenomenon in structural metals. Particularly with respect to hydrogen 
diffusion, dislocations have often been assumed with the ability to facilitate hydrogen transport via dislocation 
pipe diffusion (DPD). Yet the experimental and theoretical studies supporting DPD remain elusive and even 
controversial. In this work, hydrogen kinetics at dislocations in two representative metal systems, fcc Ni and bcc 
Fe, were systematically investigated combining comprehensive atomistic and kinetic activation relaxation 
technique simulations to reveal atomic details while enabling long-time (i.e., microsecond to second) hydrogen 
diffusion analysis. The dislocations were found to favor hydrogen trapping and provide regions of low migration 
barriers for hydrogen. However, these regions of low barriers only lead to localized fast short-circuit H diffusion, 
but do not translate into DPD over long time, which is attributed to fast hydrogen diffusion pathways along the 
dislocation line direction being periodically bound by high hydrogen migration barriers. Using the polyhedral 
structural units (PSUs) as an effective tool, we further quantitatively analyzed the correlation between hydrogen 
diffusion behaviors and local dislocation structures, illustrating the structural origin leading to local short-circuit 
diffusion and inhibition of DPD at dislocations. The new mechanistic insights gained not only are critical for 
understanding hydrogen-dislocation interaction, but also advances the general knowledge on hydrogen- 
microstructure interaction in structural metals.   

1. Introduction 

The interaction between hydrogen (H) and microstructures is of 
critical importance in understanding hydrogen embrittlement (HE), a 
phenomenon where H presence renders ductile metals and alloys prone 
to premature and brittle failure [1]. Microstructures provide interstitial 
sites of low-energy states to favor H segregation and accumulation 
[2–7], and at the same time, influence the kinetics of H [8]. One major 
aspect of H-microstructure interaction is the interplay between H and 
dislocations, the main microstructural entities responsible for plastic 
deformation in metals. Besides favoring H segregation, it has been 
suggested by many studies that dislocations can facilitate H transport 
[9–11]. In particular, it has been postulated by some researchers that 
dislocations offer low-barrier channels along their line directions to 

enable fast H diffusion, namely dislocation pipe diffusion (DPD) [12]. 
DPD is often regarded as one mechanism responsible for enhanced H 
diffusivity in deformed metal samples [12–15]. The operation of DPD in 
facilitate H diffusion has been supported by nuclear magnetic resonance 
(NMR) [16] and quasielastic neutron scattering (QENS) [9] experiments 
that deduced lower activation barriers in the dislocation core or 
near-core regions. Meanwhile, there also exist simulation work such as 
the molecular static simulations by Tang et al. [11] and ab-initio calcu-
lations by Schiavone et al. [10], that show that there exist sites with low 
activation barriers for H migration in the partial cores in face centered 
cubic (fcc) Ni and Pd respectively. 

In contrast to the afore-mentioned support for DPD, there have also 
been many studies questioning its occurrence in H diffusion [17–19]. 
Iwaoka et al. [20] performed electrochemical permeation tests on 
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ultrafine-grained Pd to demonstrate that H diffusion is inhibited due to 
strong trapping by dislocations. Kimizuka et al. and Lu et al. carried out 
atomistic simulations on α-Fe and showed the absence of low-energy 
pathway for H diffusion along both screw and edge dislocation lines 
[18,21]. In addition, some recent studies for diffusion of interstitial 
carbon, being similar to H, at dislocation core structure via both atomic 
simulations and ab-initio calculation, suggest strong dependence of 
carbon diffusion behaviour on inherent geometrical features of dislo-
cations [22,23] and a more complex relationship between diffusivity 
and DPD. 

The conflicting options about DPD underline the current lack of 
clarity in the knowledge of interstitial impurity diffusion at dislocations, 
and call for further dedicated theoretical and simulation efforts to better 
our mechanistic understanding. Despite numerous simulation studies on 
DPD in structural metals [11,18,21–23], there exist several critical 
limitations in various simulation techniques employed. They are often 
focused only on a subset of H migration paths and H transition states, 
particularly for the case of ab-initio calculations where the simulation is 
confined in a very small system size, with timescale limited within 
nanosecond (e.g., in classical molecular dynamics (MD) simulations). 
Moreover, the previous simulations did not account for the influence of 
long-range elastic interactions on H kinetics. The limitations unavoid-
ably cast shadow over the results or conclusions obtained. Consequently, 
it is necessary to re-investigate the problem with the afore-mentioned 
deficiencies addressed. 

In the present work, we performed a comprehensive atomistic study 
of H kinetics at dislocations, encompassing not only mapping of acti-
vation barrier and energy landscape, but more important, the long-time 
(i.e., microsecond to second) diffusion behaviours, realized via the usage 
of kinetic activation relaxation technique (k-ART) [24–26]. Two repre-
sentative metals of different crystal structure, namely face-centred cubic 
(fcc) Ni and body-centred cubic (bcc) Fe, were considered. 

2. Computational methodology 

For the two representative model systems considered in the present 
study, fcc Ni and bcc Fe, not only are they well-studied structural metals, 
but they also enable the consideration of dislocations in two different 
crystal structures. The two systems with H, denoted as Ni-H and Fe-H, 
respectively, are described by embedded-atom method (EAM) poten-
tials [27,28] developed by Angelo et al. [29] and Ramasubramaniam 
et al. [30] respectively. Both potentials have been used in previous 
atomistic studies, and have been demonstrated to yield good de-
scriptions of key physical properties and H-defect interactions [31–33]. 

For the Ni-H system, a rectangular simulation box with the crystal 
orientated as x=[110], y=[111] and z=[112] was constructed. A straight 
dislocation, being either edge or screw, was embedded in the center of 
the simulation box, as illustrated in Fig. 1a. Similar construction was 
done for the Fe-H system, with the crystal orientated as x=[111], y=[110]
and z=[112] and enclosing a straight dislocation, as shown in Fig. 1b. 
The dislocation line, depending on whether it is edge or screw in nature, 
aligns with z or x direction respectively, being [112] (edge) and 
[110](screw) in Ni, and [112] (edge) and [111] (screw) in Fe. The dislo-
cation was introduced into the simulation box by displacing atoms ac-
cording to the anisotropic elastic field, following the procedure outlined 
in [34]. The dimensions (Lx × Ly × Lz) of the simulation boxes con-
taining an edge and screw dislocations are approximately 102×121×51 
Å3 and 50×122×130 Å3 respectively for the Ni-H system, and 
129×113×56 Å3 and 54×121×126 Å3 respectively for the Fe-H system. 
For all simulation boxes, periodic boundary conditions (PBC) were 
imposed on the dislocation line and slip directions while the free 
boundary condition was applied to the third direction. 

After creation of the dislocation, molecular statics (MS) simulations 
were performed to examine the dislocation structure and H-dislocation 

Fig. 1. Schematic illustration of the dislocation (edge or screw) containing simulation cells for (a) fcc Ni and (b) bcc Fe, where the edge and screw dislocation lines 
aligns with x and z directions respectively. The corresponding core structures with differential displacement mappings along the direction of Burger’s vector are also 
shown. For simplicity, the glide plane and adjacent plane below are labelled PL0 and PL(− 1) respectively. 
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interaction. The system was then relaxed via energy minimization using 
the conjugate gradient (CG) method [35], implemented in the LAMMPS 
package [36]. The interstitial sites for H adsorption in the vicinity of a 
dislocation were identified [37], with their corresponding trapping 
states quantitatively assessed by the binding energy Eb, defined as: 

Eb = EH
⊥ − E0

⊥ − EH
bulk + E0

bulk (1)  

where EH
⊥ and E0

⊥ are the total energies of the dislocation containing 
system with and without an inserted H interstitial respectively, and EH

bulk 
and E0

bulk denote the total energies of a perfect bulk lattice with and 
without an interstitial H atom respectively. In the above definition, 
positive and negative Eb values indicate endotherm and exotherm con-
figurations respectively. 

Meanwhile, nudged elastic band (NEB) calculations were performed 
to obtain the diffusion barrier of H around dislocation core regime. In 
parallel, on-the-fly kinetic Monte Carlo (KMC) simulations were also 
carried out over long time scale using kinetic Activation-Relaxation 
Technique (k-ART) so as to clarify H diffusion behaviours as a strong 
supplement for NEB calculations. k-ART is a powerful off-lattice KMC 
method with on-the-fly catalog building and an open-ended search 
technique for finding local transition states, being able to deal with 
complex lattice structures and account for long-range elastic in-
teractions [27,38], which is completely deficient in NEB calculations. 
Furthermore, k-ART has the unique capability of simulating kinetics 
over long time scale (i.e., microsecond to second) beyond the otherwise 
nanosecond limit for atomistic simulations. It is also worth noting that 
all our k-ART simulations are performed at a fixed temperature of 300 K, 
since HE in structural metal frequently occurs in this temperature 
regime. Unbiased kinetic simulations are carried out by finding the H 
diffusion pathways and corresponding energy barriers in dislocations, so 
as to give us a clear kinetic picture of H in the regime of dislocations over 
long time. 

3. Results and discussion 

3.1. Mapping of H interstitials and energetics at dislocations 

The relaxed dislocation core structures, along with the associated 
differential displacement maps are shown in Fig. 1. As noted in the 
figure, both edge and screw dislocations in Ni exhibit significant core 
splitting, with a sizable stacking fault between two partials. On the other 
hand, the dislocations in Fe show rather compact cores, with only slight 
core splitting at the edge dislocation while the so-called “easy core” with 
non-degeneration six-fold symmetry is observed for the screw disloca-
tion, in agreement with previous studies [30]. It is clear from Fig. 1 that 
dislocations induce notable structural distortion in their close vicinity. 
Such distortion also necessarily affects the spatial arrangement of 
interstitial sites for H trapping, particularly them on the glide plane and 
the adjacent plane below, referred to as PL0 and PL(− 1) hereafter 
respectively, which is to be detailed below. 

With the core structure obtained, the spatial distribution of inter-
stitial sites in the vicinity of dislocation were then determined based on 
the identified polyhedral units [37,39], demonstrated in Fig. 2. For the 
Ni-H system, the dislocation, edge or screw, renders akin arrangements 
of interstitial sites for H on PL0 and PL(− 1) (c.f. Fig 2a-b) where these 
sites are octahedral units that exist in both near bulk lattice, dissociated 
partials and stacking fault regimes. For the Fe-H system, similar obser-
vations were found for the edge dislocation. However, the screw dislo-
cation in Fe displays a much more compact core, and consequently, the 
core H interstitial sites exhibit a different spatial distribution and higher 
density than the bulk lattice (c.f., Fig. 2d). Besides affecting spatial 
distribution of H interstitial sites, dislocations have also strong effect on 
H binding energetics which is evidenced by the contour plots of H 
binding energies shown in Fig. 3. For the edge dislocation in Ni, the 
interstitial sites where H binding energies are notably affected, partic-
ularly the ones that favour H adsorption (namely trap sites for H), were 
found to mainly locate at PL0 and PL(− 1) planes, shown in Fig. 3a. The 
regions beneath the two partials on the PL(− 1) plane were found to 
provide the most stable trapping sites, i.e., interstitial sites with the H 
binding energy around − 0.18 eV. As for the screw dislocation in Ni, 
overall the H trapping capability is much weaker compared to the edge 

Fig. 2. Projected views of associated spatial locations of H interstitial sites in different planes (i.e., PL0 and PL(− 1), c.f. Fig. 1) at the vicinity of (a) edge and (b) screw 
dislocations in fcc Ni, and (c) edge and (d) screw dislocations in bcc Fe, with the projection direction being [111] and [110] for Ni and Fe respectively. The host atoms 
are indicated by large open circles where green, blue and red ones show atoms in bulk-like, dislocation core and stacking fault environments respectively, while H 
interstitial sites are indicated by small black solid squares. 
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dislocation, which is well expected from the non-dilatational stress field. 
Nonetheless, the screw dislocation shows some weak trapping, as illus-
trated in Fig. 3b, where the most stable trapping sites are found on the 
PL0 plane near the dislocation centreline, with a H binding energy about 
− 0.1 eV. The above results for H energetics around dislocations in Ni are 
in good agreement with other work in the literature [11]. 

In the case of Fe, the H binding energy contours at the edge and screw 
dislocations are shown in Fig. 3c and Fig. 3d, respectively. Similar to the 
Ni case, much stronger trapping was observed at the edge than the 
screw. However, the contours show very different characteristics as seen 
when comparing Fig 3c-d with Fig 3a-b. For the edge dislocation in Fe, 
strong H trapping on both PL0 and PL(− 1) planes can be observed, but 
more concentrated around the dislocation due to little core splitting. 
Meanwhile for the screw dislocation, besides the similarly apparent low 
H trapping propensity, we note that the H binding energy contour ex-
hibits a clear three-fold symmetry in Fe, which is again consistent with 
theoretical calculations by Kimizuka et al. in the literature [21]. 

3.2. Long-time H kinetics at dislocations 

With the energetics of H at different dislocations characterized, the 
kinetics of H at dislocations was then investigated by k-ART over an 
extended time duration. As previously stated in the methodology sec-
tion, all k-ART simulations were performed at room temperature (300 
K). To facilitate reading, results are presented separately for Ni and Fe 
systems. 

3.2.1. H at dislocations in Ni 
Starting with the edge dislocation in Ni, we investigated various 

aspects of H diffusion using the k-ART simulations, with the results 
shown in Fig. 4. The k-ART calculated time evolution of the instanta-
neous H binding energy (Eb) is shown in Fig. 4a, from which the H 

binding energy can be noted to span between − 0.18 eV and 0.1 eV. This 
range is consistent with the H energetics mapping previously obtained 
by the MS simulations (c.f. − 0.18~0.07 eV). Fig. 4b shows the time 
evolution of the instantaneous energy barrier (Em) of H migration at the 
edge dislocation, these barriers show a large fluctuation in value (be-
tween ~0 eV to 0.46 eV). This large fluctuation in Em indicates that 
many different hoping events are occurring during H diffusion. Given 
that the energy barrier is ~0.4 eV for bulk H diffusion (denoted as E0

m 
hereafter), this also means that the dislocation presence can either 
facilitate and hinder H motion for those individual hoping events. It is 
also interesting to note from Fig. 4b that the Em data are predominantly 
of values lower than 0.4 eV, indicating predominantly faster H (hoping) 
motions at the dislocation. Another observation from our k-ART results 
is that the motions of H are mostly occurring on the PL0 plane. Though 
occasionally H was observed to hop to the adjacent planes, it would 
quickly jump back to PL0 plane, as illustrated in Fig. 4d. 

Comprehensive NEB calculations were also performed to supplement 
the k-ART simulations, and together the diffusion pathways and spatial 
distribution of H migration barrier Em were obtained, shown in Fig. 5. 
We can see that the H diffusion pathways were substantially modified by 
the dislocation, being distinct from those in the bulk due to the drastic 
change of structural unit existed in the path. Examining the spatial 
mapping of Em, we see that H migration exhibits low Em in the partial 
core regions, while on the other hand, show high Em in the center 
stacking fault region (0.54 eV) and at the boundaries with the bulk 
lattice (0.58 eV). It appears that the partial core regions could provide 
two channels of low Em to potentially enable pipe diffusion of H. How-
ever, examining the time evolution of square displacement (SD) for H 
diffusion at the dislocation (c.f., Fig. 4c), we can observe a highly non- 
monotonic behavior. Though the SD exhibits quick increase over time 
for certain time periods (e.g., 25–35μs and 190–220μs), it also shows 
sharp decrease over time for other time periods (e.g., 90–150μs), 

Fig. 3. The H binding energy contours at the (a) edge and (b) screw dislocations in fcc Ni, and (c) edge and (d) screw dislocations in bcc Fe. The white open circles 
represent the host metal atoms. 
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resulting in a ‘periodic’ fluctuation pattern. Longer k-ART simulations 
(up to 500μs) were also performed to confirm the persistence of such 
fluctuation. Because of such fluctuation, we can see from Fig. 4c that 
overtime the SD for H diffusion at the dislocation will be far lower than 
that for H diffusion in the bulk. This indicates a much smaller effective H 

diffusivity at the dislocation than bulk, and that the low-barrier channels 
in the partial core regions do not actually lead to fast H transport along 
the dislocation over time. 

To understand the SD results shown in Fig. 4c, we examined the 
trajectory of H shown in Fig. 4d, where H can be seen to travel back and 

Fig. 4. Results at the ½[110](111) edge dislocation in fcc Ni, showing (a) binding energies vs. time evolution for H, (b) energy barrier vs time evolution for H, where 
the black dash line represents the energy barrier (E0

m) for bulk H diffusion, (c) the square displacement (SD) as a function of simulation time, and (d) projected and 
lateral views of H trajectories (marked by red lines) obtained by the k-ART simulations. The open circles are host atoms with green, blue and red ones indicating 
atoms in the bulk-like, dislocation core and stacking fault environments. 

Fig. 5. (a) Possible H diffusion pathways on the glide plane, and (b) contour map of diffusion barriers, at the ½[110](111) Ni edge dislocation. In the figure, the 
octahedral and tetrahedral sites are representatively marked by “O” and “T” symbols respectively. In particular, tetrahedral sites are overlapped with host Ni atoms. 
Each hopping occurs between two neighbouring sites with dash line connection. 
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forth along the low-Em diffusion pathways within the partial core re-
gions. As noted in Fig. 5, these pathways are not inclined to the dislo-
cation line direction, thus H traveling along them would eventually get 
to the borders between the low-Em partial core regions and their sur-
rounding regions (i.e., either the stacking fault or bulk). However, the 
trajectory data demonstrate that H cannot easily cross those borders to 
escape, likely prevented by the high migration barriers bounding the 
partial core regions (c.f., Fig. 5b). That is, the high barriers, i.e., ~0.54 
eV in the center stacking fault and ~0.58 eV at the boundaries with the 
bulk lattice, exhibit a blocking effect. 

The effectiveness of observed blocking effect in PL0 plane can also be 
examined by evaluating the detrapping timescale of H crossing those 
boundaries. The rate Γ of a special event leading to H crossing the 
boundary can be calculated as Γ = ν0exp(− Em /kBT) where ν0is prefactor 
(1013Hz), kB is Boltzmann constant and T is temperature, and the inverse 
of Γ may be used as an estimate of the detrapping timescale. Plugging in 
the high barriers at the boundaries, i.e., 0.54 eV and 0.58 eV, we obtain 
Γ to be 2789 Hz and 377 Hz respectively, corresponding to detrapping 
time scales of 0.36 ms and 2.6 ms respectively. Both timescales are 
significantly greater than the timescale of H diffusion within the partial 
cores, indicative of long-time pipe diffusion being very difficult to occur. 
Consequently, H is effectively confined within the partial core regions, 
unable to move further along the dislocation line direction in PL0 plane. 
This is in exact accordance with the SD results in Fig. 4c. The short- 
period quick increase/decrease in SD corresponds to fast H diffusion 
along the low-Em diffusion pathways, while the periodic fluctuation 
corresponds to its constant reversal of diffusion directions due to the 

inability to cross the boundaries to move further along. Thus, overall the 
results indicate that the edge dislocation in Ni, despite providing local 
regions of fast H motions, does not facilitate the global H transport along 
the dislocation, i.e., no occurrence of DPD. 

Moving to the screw dislocation in Ni, the results from k-ART sim-
ulations are shown in Fig. 6. We note from Fig. 6a that H is sampling a 
binding energy range of − 0.1 eV to − 0.02 eV The binding energies of H 
garnered during k-ART simulation are shown in Fig. 6a in which the 
binding energies are ranged from − 0.1 to − 0.02 eV, again consistent 
with the binding energy contour previously obtained from the MS cal-
culations (c.f., Fig. 3b). Examining the migration barrier variation 
shown in Fig. 6b, we see that the Em values are predominantly within 0.3 
eV, much lower than the bulk E0

m of 0.42 eV, though occasionally high Em 

(equal or exceeding E0
m) events occur (e.g., 0.49 eV). Yet again the SD 

data (Fig. 6c) suggest that over time H transport is slowed than accel-
erated, and the trajectory data (Fig. 6d) show localized back-and-forth H 
motions within a confined region, despite the seemingly sizable reduc-
tion in the migration barriers of H motions by the dislocation as illus-
trated in Fig. 6b. Further examining the mapping of diffusion pathways 
and migration barriers are shown in Fig. 7, we see that, like the case of 
the edge dislocation in Ni, the screw dislocation also provides many low- 
Em pathways in PL0 plane. Yet again we notice that not only are these 
pathways inclined to dislocation line direction, they are also interrupted 
by high-Em at places around the boundaries between partial cores and 
bulk lattices (~0.51 eV) as well as the central regime (~0.48 eV). 
Examining the H hopping events during k-ART simulations, the special 
events leading to H crossing the boundary exhibit detrapping timescales 

Fig. 6. Results at ½[110](111) screw dislocation in Ni, showing (a) binding energies vs time evolution for H, (b) energy barrier vs time evolution for H, where the 
black dash line represents the energy barrier (E0

m) for bulk H diffusion, (c) the square displacement (SD) as a function of simulation time, and (d) projected and lateral 
views of H trajectories (marked by red lines) obtained by the k-ART simulations. The open circles are host atoms with green, blue and red ones indicating atoms in the 
bulk-like, dislocation core and stacking fault environments. 
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Fig. 7. (a) Possible H diffusion pathways in the glide plane, and (b) the contour map of diffusion barriers, at the ½[110](111) Ni screw dislocation. In the figure, the 
octahedral and tetrahedral sites are representatively marked by “O” and “T” symbols respectively. In particular, tetrahedral sites are overlapped with host Ni atoms. 
Each hopping occurs between two neighbouring sites with dash line connection. 

Fig. 8. Results at ½[111](110) edge dislocation in bcc Fe, with (a) binding energies vs time evolution for H, (b) Energy barrier vs time evolution for H, where the 
black dash line represents the energy barrier (E0

m) for bulk H diffusion, (c) SD profile as a function of simulation time, and (d) projected and lateral views of H 
trajectories (marked by red lines) obtained by the k-ART simulations. The open circles are host atoms with green, blue and red ones indicating atoms in the bulk-like, 
dislocation core and stacking fault environments. 
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between 0.05 ms and 0.24 ms, three orders of magnitude higher than H 
diffusion in the core regions. Consequently, the high barriers bound the 
core regions prevent continuous H transport along the dislocation line 
direction and thus DPD. Moreover, again we can note from Fig. 6d that H 
activities are mostly within or at close vicinity to the PL0 plane. 

Our discussion above is focused on H diffusion in the PL0 plane where 
H motions dominantly occur, as revealed by the k-ART simulations. 
However, in principle, H could detour to hop to the neighboring plane, e. 
g., the PL(− 1) plane. Such detour also could enable H to avoid the 
blocking effects in the PL0 plane. To this end, we examined such possi-
bility. Yet, our results show that although H could hop to planes 
neighboring PL0, it does not in any way facilitate H diffusion or enable H 
to overcome the blocking effect. In addition, such cross-plane motion of 
H has a much higher forward barrier than the reverse one, and conse-
quently H would always return to PL0 shortly after it hops out. Conse-
quently, practically H diffusion is always dominated by H activities 
within the PL0 (see further details and discussion in the Supplementary 
Information). 

To further quantitatively assess H diffusion, we employed the ther-
mal statistic model [40,41] to calculate the diffusivity of H (D) at 300 K 
for edge and screw dislocation in fcc Ni (see more details in Supple-
mentary Information), for diffusion on both PL0 and PL(− 1) planes. We 
noted that H diffusivities at dislocations are orders of magnitude smaller 
than the bulk value (see Fig. S6 in Supplementary Information). These 
results further confirm that dislocations do not enable fast diffusion, 
consistent with previous long-time k-ART simulations. 

3.2.2. H at dislocations in bcc Fe 
In the above we have demonstrated neither the edge or screw 

dislocation in fcc Ni can result in DPD despite their ability to reduce 
migration barriers for H motions locally. Instead, the presence of the 
dislocations renders long-range H diffusion more sluggish than the bulk 
lattice. For generality, below we investigate how H behaviors are 
influenced by dislocations in bcc Fe. 

The k-ART results for the edge dislocation in Fe are shown in Fig. 8. 
From the aspect of H energetics, again we note the consistency in the H 
binding energy range of − 0.33~0.14 eV (c.f., Figs. 8a and 3) between 
the k-ART and MS simulations. From the aspect of kinetics, the k-ART 
results in Fig. 8b show that the migration barrier Em of H hoping mostly 
oscillate in the range of 0~0.22 eV, while occasionally larger Em values 
beyond 0.4 eV were observed. With the barrier of H diffusion in bulk Fe 
lattice being ~0.08 eV (i.e., E0

m), the results indicate that the edge 
dislocation in bcc Fe has a dual effect on the migration barrier of H 
hopping. 

Such dual effect of the edge dislocation on Em is also well reflected in 
the NEB results shown in Fig. 9. Examining the spatial contour mapping 

of Em presented in Fig. 9b, first we can see that there exist low-Em as well 
as high-Em diffusion channels in the core region, being remarkably 
different from the bulk lattice diffusion. Second, we note that those low- 
Em channels, where supposedly fast H transport can happen, are not 
interconnected, but separated from each other by high-Em channels. 
Though the spatial mapping of Em is different from those in the case of 
Ni, it again suggests that the long-range H transport along the disloca-
tion line direction would be dependent on the ability of H overcoming 
high energy barriers from time to time. From the k-ART simulations, the 
hopping events that would enable H to cross from one low-Em channel to 
another exhibit timescales between 0.08 ms and 1.8 ms, indicative of 
those events being heavily retarded. Now looking at the SD profile of H 
obtained from the k-ART simulations over long time duration (i.e., 0.1 s) 
shown in Fig. 9c, we can observe large fluctuation in SD, but without 
apparent increase of SD over time. This time evolution of SD indicates 
that those high-Em channels effectively bar H from long-range transport, 
which is confirmed by the long-time trajectory of H around the edge 
dislocation shown in Fig. 8d. We can see from Fig. 8d that H are mostly 
confined to oscillate within the low-Em channels and mostly within or at 
close vicinity to the PL0 plane (see Fig. 8d), with limited sluggish motion 
along the dislocation line direction and no sign of DPD. 

For the screw dislocation in bcc Fe, binding energies are found from 
both k-ART (see Figs. 10a) and MS (see 3d) simulations to range from 
− 0.34 eV to − 0.1 eV. Regarding H migration, the k-ART simulations 
showed that the Em values for most H migration events were smaller 
than 0.13 eV while occasionally large Em —beyond 0.2 eV— were 
observed, as shown in Fig. 10b. However, unlike those situations at 
dissociated dislocations (i.e., edge & screw dislocation in fcc Ni and edge 
dislocation in bcc Fe), H trapping at the screw dislocation in bcc Fe is 
confined to a small region due to the compact core. Such spatial 
confinement in H trapping was also found to be reflected in H kinetics, 
with H observed to mainly oscillate within the compact core, as shown 
by the H trajectories monitored (see Fig. S4 and the video S1/S2 in the 
Supplementary Information). Yet again H is found to be hardly able to 
escape from the core or travel along the dislocation line, as those mo-
tions correspond to hopping events of high migration barriers 
(confirmed by k-ART simulations). As a result, the overall low Em locally 
rendered by the dislocation do not lead to no long-range H transport or 
DPD at screw dislocation in bcc Fe. Like the case of Ni, we have also 
examined H migration in neighboring planes to PL0 and the cross-plane 
hops of H, and confirmed that both have little influence and do not alter 
H diffusion behaviors (see details in Supplementary Information). Also 
additional analysis on concentration dependent H diffusivity has been 
performed employing thermal statistic model [40,41] (see details in 
Supplementary Information). 

Fig. 9. (a) Possible H diffusion pathways in the glide plane, and (b) the contour map of diffusion barriers, at ½[111](110) edge dislocation in bcc Fe. In the figure, the 
octahedral and tetrahedral sites are representatively marked by “O” and “T” symbols respectively. In particular, tetrahedral sites are overlapped with host Fe atoms. 
Each hopping occurs between two neighbouring sites with dash line connection. 
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3.3. Role of structural characteristics of dislocations on H kinetics 

It is well recognized that the local diffusion behaviors of interstitials 
at microstructures, e.g., dislocations, are crucially affected or even 
prescribed by the structural characteristics, yet no quantitative linkage 
has been established despite many valuable attempts [22,23,33,42]. Our 
results above clearly show that the impact of dislocations on H kinetics is 
not a simple one and necessitates further analysis. In a previous study 
[37], we have demonstrated that the polyhedral structural units (PSUs) 
may serve as an effective tool for the description of geometrical features 
at microstructures, and are also structural units enclosing individual H 
interstitial sites. With dislocations represented in terms of PSUs, H 
diffusion is H traveling through a series of interconnected PSUs, which 
are effective “building blocks” constituting H diffusion pathways. 
Meanwhile, we may also quantitatively capture the local lattice distor-
tion at dislocations through the geometrical change in PSUs, for which a 
simple geometrical change metric one can use is the PSU volume 
distortion, i.e., ΔV = (V-V0)/V0 where V0 and V are the volumes of a PSU 
in pristine lattice and at a dislocation respectively [37]. Positive and 
negative ΔV values indicate local lattice dilation and compression 
respectively. Fig. 11 shows the spatial mapping of ΔV of PL0 plane for 
edge and screw dislocation in fcc Ni. Here we focus on ΔV for PL0 plane 
as we have noted before that H motions are mostly within or at imme-
diate vicinity to the PL0 plane (c.f., Figs. 4d, 6d and 8d). Thus, the spatial 
mapping of ΔV is for PL0 plane is expected to be most relevant to un-
derstand the kinetic activity of H. 

As can be seen from Fig. 11, notably larger ΔV can be observed in the 

vicinity of partial cores, while negligible ΔV is shown around bulk-like 
Ni region. Though the stacking fault region between two partial cores 
exhibits slightly higher ΔV values than the bulk, there is an abrupt drop 
in ΔV crossing from the core into the stacking fault. Comparing the ΔV 
mapping with the Em mapping (c.f., Figs. 5 and 7) and H trajectory (c.f., 
Figs. 4 and 6), interesting correspondence can be observed. Fast H mo-
tions and dominantly H trajectory traces occur in the regions where 
PSUs are considerably and also consistently dilated. The locations where 
abrupt changes in ΔV occur nicely correspond to the places of significant 
Em changes. Similar observation can also be made for the case of bcc Fe, 
for both edge and screw dislocations. Particularly for the screw dislo-
cation in Fe, H exhibits a unique feature of PSU dilation along the 
dislocation line occurring in narrow and isolated strip regions, sur-
rounded by regions of markedly negative ΔV. Such spatial distribution 
of PSU volume distortion is directly consistent with H kinetics and H 
trajectory profiles (see Fig. 12b, Fig. S5 and videos S1/S2 in the Sup-
plementary Information). The above analysis and ΔV-Em correspon-
dence provides critical hints on the connection between H diffusion 
behaviors and local structural characteristics, demonstrating that the 
local volume distortion on base of the PSU concept may serve as one 
effective and qualitative tool for the quick diagnosis of H kinetics. 

4. Conclusions 

In summary, we have investigated systematically H kinetics at dis-
locations in two representative metal systems, fcc Ni and bcc Fe, 
combining comprehensive atomistic and k-ART simulations to reveal 

Fig. 10. (a) Binding energies vs time evolution for H, and (b) energy barrier vs time evolution for H, at ½[111](110) screw dislocation in bcc Fe.  

Fig. 11. Atomic configuration and the distribution of ΔV for PL0 plane in (a) edge dislocation and (b) screw dislocations in fcc Ni.  
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atomic details while enabling long-time H diffusion analysis, with a 
focus to assess the possibility of dislocation pipe diffusion (DPD). The 
edge and screw dislocation cores examined in Ni and Fe, in general, are 
found to favor H trapping and to provide regions of low migration en-
ergies for H. However, these regions of low H migration energies may 
lead to localized fast short-circuit H diffusion, but do not translate into 
DPD. Rather, H transport along the dislocation line is considerably 
impeded. This can be attributed to fast H diffusion pathways along the 
dislocation line direction being periodically bound by high H migration 
barriers. These high barriers correspond to significantly larger H 
detrapping timescales than bulk H diffusion, and thus, effectively inhibit 
or even interrupt H transport along the dislocation line direction. An 
important take-away from the above results is that local fast motions of 
H does not necessary result in fast global H transport. We then demon-
strated that the polyhedral structural units (PSUs) may serve as an 
effective tool to quantitatively analyze the correlation between H 
diffusion behaviors and local dislocation structures. In particular, the 
low-barrier regions where H motions are facilitated can be identified as 
places where PSUs experience consistent and continuous volume dila-
tion. On the other hand, the high-barrier regions can be identified as 
locations where the volume distortion of PSUs undergoes drastic change. 
The PSU-based analysis is general and thus may be applied to other 
microstructural entities. Our findings provide a new perspective for 
critical assessment of DPD, and more broadly, the understanding of 
nanoscale H kinetics and transport behaviors at microstructures in 
structural metals. 

Meanwhile, it is important to note that our present study is based on 
the simple edge and screw dislocation models. The dislocation structures 
in actual materials would be much more complex, with, e.g., mixed 
dislocations, dislocation junctions and even entanglement with other 
microstructure entities. In addition, the dislocations may also be sub-
jected to the influence of stress. These complications could have pro-
found impact on the operation of DPD and necessitate future studies. In 
addition, we would also like to caution about the inherent limitation of 
EAM potentials. Though they may be sufficient for the simple dislocation 
models, their validity in accurately describing complex dislocation 
structures and microstructures remains to be confirmed, an indispens-
able aspect to consider when we expand our investigation beyond the 
simple dislocation models, which necessitates dedicated future studies. 
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